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Abstract

Directionally solidified ceramic eutectics containing alumina as a topologically continuous majority component with, e.g., yttria-stabilized
cubic-zirconia or with YAG as minority components have become of considerable interest as members of a new family of potential high
temperature structural materials. The attractive creep resistance of such eutectics in fiber-form is based on their remarkably tight [0 0 0 1]
texture of the alumina component in which neither the basal plane nor the prism plane can be activated to result in glide that can extend the
eutectic by creep in tension. Under such conditions creep in such eutectics must be governed by climb of the (1/3)
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edge dislocations
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ut of either the (11̄20) prism plane or the (1̄102) pyramidal plane.
To develop better understanding of the core structure of these dislocations and their potential role in the creep resistance of

omponent in eutectics with tight [0 0 0 1] textures, a molecular dynamics (MD) simulation was carried out of the comparative core str
f both the (1/3)

〈
21̄1̄0

〉
basal edge dislocations and the (1/3)

〈
1̄101

〉
pyramidal edge dislocations on the (11̄02) plane in sapphire. The M

imulation revealed that the equilibrium structure of the core of the pyramidal edge dislocations undergo a dissociation into two ha
artial edge dislocations displaced vertically out of the best glide plane of cation holes with weak covalent bonding and possible
esistance into two adjacent pyramidal planes of very strong covalent bonding, and consequent, very high glide resistance. While t
he immobility in glide of such dislocations on the pyramidal system, no important structural impediment was found for their climb
ut of the pyramidal planes.
2005 Elsevier Ltd. All rights reserved.
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. Introduction

In the quest for materials development for more efficient
ower systems capable of operating at higher temperatures,

t becomes necessary to go beyond the present superalloys
nd intermetallic compounds, which “plateau-out” at around
000◦C, to consider oxides, nitrides, carbides and the like.1

hese, however, are all intrinsically brittle,2 have low fracture
oughness in monolithic form,3 and at least in polycrystalline
orm usually suffer from excessive diffusional creep due to
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grain boundary diffusion and sliding.4 In comparison, sin
gle crystal sapphire fibers ofc-axis orientation which kee
the principal basal and prismatic slip and twinning syst
unstressed exhibit excellent creep resistance up to 1600◦C,5

but still suffer from inadequate fracture toughness.6 While
use of such fibers in composites with fine grain alumina
trices where the fibers are protected from interface dama
various coatings show promise,7,8 the introduction of a fam
ily of directionally solidified ceramic eutectics offer grea
potential. These with well structured sub-micron scale m
phology of, e.g., yttria-stabilized cubic zirconia in a to
logically continuous alumina component have demonstr
great promise for both excellent creep resistance and
reasonable fracture toughness.9 As with monolithic sapphir
having ac-axis orientation, the key to the creep resistanc
these eutectic ceramics lies with the nearly perfectc-axis tex-

955-2219/$ – see front matter © 2005 Elsevier Ltd. All rights reserved.
oi:10.1016/j.jeurceramsoc.2005.01.022



1432 C.T. Bodur et al. / Journal of the European Ceramic Society 25 (2005) 1431–1439

ture of their topologically continuous alumina component,10

which in tension again renders the best basal and prismatic
slip and twinning systems unstressed. The present best evi-
dence indicates that these eutectics creep in the 1400–1800◦C
range entirely through the diffusion-controlled climb motion
of both the pyramidal and prism system edge dislocations
in the well textured alumina component.11,12 Such disloca-
tions which are surmised to have exceedingly high glide resis-
tances should, however, experience no important restriction
to climb. Here we report on the results of a new molecular
dynamics (MD) study of the core structure of the (1/3)〈1̄101〉
edge dislocations on the{11̄02} pyramidal planes to develop
better insight into their diffusion controlled climb that is the
central mechanism of creep in the alumina component of the
Al2O3/c-ZrO2 directionally solidified eutectics. In the course
of the study we have also developed similar information for
the (1/3)〈21̄1̄0〉 edge dislocation on the base plane which we
also present.

2. Computational details

2.1. The MOLDY computer code

The MD computations were performed with the MOLDY
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formed in the Parinello and Rahman15 constant stress condi-
tions at zero external pressure. The final structures of interest
were those at temperatures close to 0 K, but actual structural
relaxations were usually performed at an elevated tempera-
ture (1000 K) followed by step-wise reduction of temperature
to obtain stable structures at low temperatures. Equilibrated
atomic structures were graphically viewed by the Atom Eye
Software.16

2.2. Structure of sapphire

The standard reference for the idealized structure of�-
Al2O3 is that of Kronberg17 which describes the hexagonal
structure as alternating layers of O ions in· · · ABA · · · stack-
ing with intervening layers of Al ions, which occupy two
thirds of the interstitial sites of the O ion layers but have
an · · · abcabc· · · stacking. The real structure of Al2O3 de-
termined first by Pauling and Hendricks18 differs from the
idealized one in an important way in which the intervening
Al ions in the cation layers are alternately attracted closer to
one or the other neighboring O layers where they produce
small alternating local expansions of the anion interstitial
sites. The one third of the vacant Al sites in the cation layers
present the lowest identity translation that define the Burgers
vectors of the perfect dislocations. The real ion positions have
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omputer code, which is in the public domain. Th
OLDY code is capable of dealing with both the short ra

ovalent interactions between ions and the long range ele
tatic interactions required for Al2O3 The short range intera
ions are described by a pair potential functionΦij , between
tom pairsi andj, separated by a radius vectorrij of the form
eferred to as a Buckingham potential

ij = −Aij

r6
ij

+ Bij exp(−Cijrij). (1)

The coefficientsA, B andC have specific values for th
–O, Al–Al and Al–O pairwise interactions. The values

hese coefficients, determined from ab initio calculatio14

re given inTable 1, together with their appropriate ion
harges. The electrostatic interactions are handled in cla
wald sum techniques.
In the computations periodic boundary conditions w

sed for the simulation cells, which were in all cases ch
o be of rectangular prismatic shape. The crystallographi
metry for the simulation of dislocations on the base pl
nd pyramidal planes required different simulation c
hich will be introduced later. The simulations were p

able 1
oefficientsA, B andC of the Buckingham pair potential function for�-
l 2O3 and the appropriate electronic charges of ions used in the stud14

air A (eVÅ6) B (eV) C (Å−1)

–O 0.49 435.63 2.7724
–Al 0.00 3596.94 4.2283
l–Al 675.70 9830.51 3.4638

xygen charge:−1.50 (e); aluminum charge: 2.25 (e).
l

een experimentally verified by XRD by Newnham and
aan.19 The importance of the real ion coordinates in de

ng crystallographic slip and twinning processes in�-Al2O3
as been recently emphasized by Bilde-Sorenson et al.20 and
y Heuer et al.21

.3. Choice of simulation cells

Fig. 1 shows the idealized cation sub-lattice that id
ifies the three principal slip systems in the Al2O3 struc-
ure: the basal system of (0 0 0 1)(1/3)〈2110〉; the prism
ystems of{112̄0}(1/3)〈1̄101〉 and the pyramidal syste
11̄02}(1/3)〈1̄101〉. The lattice parameters given by New
am and de Haan19 were adopted for the simulations. Th
re: a= 4.7589Å and c= 12.991Å where the latter is th

ength of the structural unit cell,17 as given byFig. 1 of the
ation sub-lattice. For the computational simulation there
lear advantages in choosing cells that have rectangula
atic shapes. The two cells chosen for the simulation

he basal dislocation (1/3)〈21̄1̄0〉 and the pyramidal disloc
ion (1/3)〈1̄101〉 are identified inFig. 2 which shows a to
iew of the (0 0 0 1)base plane where the close-packed l
f O ions are identified as the large open circles. The s
lack circles occupying two thirds of the interstitial sites
ediately above the O layer represent the Al ions while

mall open circles occupying the remaining one third o
nterstitial sites represent the vacant Al sites or “holes”.
ositioning of these cation holes prescribes the three po
urgers vectorsA1, A2 andA3 of the perfect dislocations

he base plane.
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Fig. 1. The cation sub-lattice of sapphire showing the three prominent slip
systems: in the basal planes (long dashed); in the prism planes (intermediate
dashed); and the pyramidal planes (short dashed).

The rectangle ABCD inFig. 2represents the basal geome-
try of the simulation cell chosen for the base plane dislocation
where the [01̄10] direction is chosen to be parallel to thez-
axis of the simulation cell of two layer thickness, The front
faces of the cell consisting of the{011̄0} planes contain the
x-axis parallel to〈2̄110〉 direction and they-axis parallel to
the [0 0 0 1]direction. A second rectangle A′CC′ represents
the geometry of the simulation cell for the pyramidal dislo-
cation, which had its across-the-thicknessz-direction parallel
to the [̄121̄0] direction of the lattice. This simulation cell was

Fig. 2. The idealized arrangement of ions viewing the base plane from above
[0 0 01̄]. The large open circles represent an underlying layer of oxygen
anions; the empty interstitial sites are occupied by the oxygen anion layer
immediately above; the small filled circles represent aluminum cations (in
the real crystal these do not lie in a single plane but are alternately associated
closer to one or the other nearest oxygen layers where they produce in-plane
distortions); the empty small circles represent aluminum holes which specify
the scale of perfect dislocation Burgers vectors. The reference rectangle
ABCD represents the base plane of the simulation cell for the base plane
edge dislocation, while the rectangle AA′CC′ represents a symmetry plane
in the simulation cell for the pyramidal edge dislocation (after Kronberg,17

courtesy of Pergamon Press).

also three-layers-thick. Thex andy axes of the front faces of
this second simulation cell were chosen parallel to the〈1̄101〉
direction and the direction normal to the (11̄02) plane, respec-
tively, as will be clarified below when that simulation will be
discussed in detail.

3. Results

3.1. Preparatory simulations

3.1.1. The perfect crystal
Prior to simulations of specific dislocation cores the

MOLDY program was “tuned-in” by verifying the stabil-
ity of the perfect crystal structure of sapphire. For this
purpose the idealized ion coordinates given by Kronberg17

were introduced into the perfect simulation cell for base
plane dislocations and the structure was equilibrated by
a MOLDY run to obtain the real ion coordinates avail-
able in the literature and the cohesive energy density
of the crystal. The resulting cohesive energy at nearly
0 K was found to beF=−96.497 eV/Al2O3 unit. The
corresponding structural unit cell parameters of the per-
fect crystal are given inTable 2 where they are com-
pared with some other published results. The agreement
with results of other simulations and with experiments is
g
ood.
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Table 2
Structural unit cell parameters of�-Al2O3

a (Å) c (Å) c/a Source and method

4.7929 12.8333 2.678 Present study
4.7995 12.9374 2.696 Gale et al.14 (Buckingham potential)
4.721 12.882 2.729 Marinopoulos and Elsässer,23 (density

functional method)
4.733 12.498 2.641 Marinopoulos and Elsässer,23 (shell model)
4.7589 12.991 2.73 Newnham and de Haan,19 (experimental)

3.1.2. Vacancy energies
In a further preparatory testing of the capabilities of the

MOLDY code the anion and cation vacancies were stud-
ied. For this purpose separate studies were performed by
removing an oxygen ion and an aluminum ion from the
perfect crystal lattice followed by re-equilibration via a
MOLDY simulation run. For both cases decreases in the vol-
ume relative to the perfect crystal were found which were
(
Ω/Ω)O = −2.247× 10−4 for the oxygen vacancy and
(
Ω/Ω)Al = −1.623× 10−3 for the aluminum vacancy rel-
ative to the initial perfect crystal. Clearly, these decreases
in volume following the relaxations of the entire simulation
cell under constant pressure indicate a collective local rear-
rangement of neighboring ions next to the ion that has been
removed rather than the partial collapse of a spherical cavity
in a continuum. The first order conventional thinking would
have given an expectation of a slight volume expansion in an
ionic solid where the removal of an ion with a given charge
would result in a local electrostatic repulsion.24 The fact that
this was not the case indicates the dominance of local covalent
interactions in Al2O3 over electrostatic interactions.

The corresponding vacancy formation energies were
found to behO

fv = 6.071 eV andhAl
fv = 15.25 eV for the

oxygen and aluminum ions, respectively. These are to be
contrasted with the oxygen vacancy formation energies deter-
mined by Xu et al.25 by ab initio computations of 5.83 eV and
t
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To prevent formation of troubling artifacts certain con-
ditions have to be satisfied. First, the dislocation must be
introduced into the perfect lattice with correct real ionic co-
ordinates at a symmetry plane half way between two adjacent
anion layers and between the puckered cation layers associ-
ated with the anion layers around them, as has been most re-
cently emphasized by Bilde-Sorensen et al.20 to avoid charge
imbalances. Second, dislocations must be introduced into the
simulation cell as a set of dipoles with dislocation lines par-
allel to the shortz-axis direction, [0̄110] of the cell to prevent
formation of troublesome lattice curvatures. The procedure
for this has been clarified by Cai et al.27 where the dipole is to
be placed in a configuration of an energy minimum, with the
pair of dislocations roughly at 45◦ angles relative to their slip
plane with the precise angle dependent on the conditions of
the anisotropic elasticity solution for the strain fields28 (this
condition is not too critical since the capabilities in energy
minimization of the MOLDY code will re-position the dis-
location within the range permitted, governed by the lattice
resistance). The periodic boundary conditions used in thex–y
plane will generate an effective infinite dipole lattice of dis-
locations. Even in this case, however, the interaction energy
between adjacent dipoles needs to be reduced to a minimum
by choosing the aspect ratio of the simulation cell in thex–y
plane correctly. The procedure for this, at least for isotropic
elasticity, is well established.29
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he additive coloration experiments by Lee and Crawford26 of
.1 eV. No similar information was found for the Al vacan

n the literature. Based on the reasonably good agree
ith other determinations for the oxygen vacancy we
ur findings as acceptable even though our determinatio
lated certain conditions of preserving charge neutrality
uiring the placement of the removed ions from the inte

o a surface ledge site.24

.2. Edge dislocation on the base plane

.2.1. Core structure and line energy
While the core structure of the pyramidal edge dislo

ion was of primary interest in view of its role in creep
apphire and the directionally solidified Al2O3/c-ZrO2 eu-
ectics, we have determined first the structure of the co
he basal plane edge dislocation. This structure was st
n the simulation cell with the ABCD rectangular crysta
raphic geometry outlined inFig. 2, having itsz-direction
arallel to the [0̄110] direction.
With the above provisos a dipole of edge dislocations
ntroduced into the perfect crystal cell.Fig. 3a shows the ini
ial atom configurations around the core of the positive e
islocation of the pair. Lines drawn through cation planes

ineate the core of the introduced dislocation.Fig. 3b shows
he core of this positive edge dislocation after it has b
quilibrated by a MOLDY run. Examination of the lower l
and corner of the figure, considerably away from the

orted core region of the dislocation, shows some featur
he real Al2O3 lattice ion positions. Two rows of anions a
ations are visible in a somewhat overlapped position.
maller cations that appear on top of each other are ac
isplaced in thez-direction and represent clearly the pucke
ature of their placement in they-direction, being alternate
ore closely associated with one or the other adjacent

ayers. Further examination of the placement of the two
acent anion rows in thez-direction shows also the resulti
uckered distortions in thex–zplane of the anions away fro

heir ideal hexagonal arrangement, discussed in many
ural studies.18–21 The length of the arrow inFig. 3a repre
ents the length of the Burgers vector of the edge disloca
= 4.7Å.
The line energy of the basal plane dislocation de

ined in the study was 10.3 eV/Å length, as half of th
nergy of the dipole in a characteristic simulation cel
.9447×10−16 m2 area in thex–yplane and amounts to a ve

arge dislocation density of 1.03× 1016 m−2. To be meaning
ul for a realistic case this energy needs to be scaled up t
f a more reasonable dislocation density such as 1012 m−2

hat is likely to be representative of a creeping solid. T
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Fig. 3. (a) The initial atomic configuration of a positive edge dislocation placed on a (0 0 0 1)base plane (along the horizontal dotted line) with a Burgers vector
parallel to the [̄2110] direction into a perfect real crystal. The distorted vertical contours delineate the core region of the unrelaxed dislocation. (b) The core of
the same dislocation after relaxation of the crystal with a MOLDY run, showing a central feature of the relaxation near the core where the extra half double
sheet of atoms is no longer terminated on the initial base plane but is divided up into two partial edges with extra half planes terminating on two separate basal
planes. Comparison of the two arrangements of the cations around the core between (a) and (b) also shows considerable tighter ionic order in the latter.

requires an increase by a factor of 2.87 toFDB = 29.56 eV/̊A
length for the line energy, for elastic constants characteristic
of those at 0 K.

3.2.2. Gamma surfaces and mobility
The mobility of a dislocation in its plane depends on the

lattice resistance in that plane which opposes it. In close-
packed planes where the dislocation can reduce its line energy
by undergoing dissociations into partial dislocations sepa-
rated by stacking faults, the lattice resistance can be sub-
stantially reduced. Such dissociations of basal dislocations in
sapphire have received consideration since Kronberg.17,20–23

While the mobility of a dissociated dislocation, particularly
with the complex features of Al2O3 requires more detailed
considerations the possibility of intermediate energy minima
in building up the total Burgers displacement in a plane by
partials can be gleaned from the gamma surface topogra-
phy obtained by imposing rigid body translations across the
plane.30Such a gamma surface topography for the basal plane
is shown inFig. 4. Sites A and A′ indicate interstitial sites in
the oxygen sub-lattice framework of an underlying layer of
oxygen ions. These interstitial sites are occupied by the oxy-
gen ions of the layer above. The vector A–A′ corresponds
to a Burgers displacement of a perfect identity translation of
the upper layer of oxygen ions over the underlying one. This
B f
d berg
a

w dis-
l step

translation is indicated on the gamma surface ofFig. 4 as
AB + BA ′ with an intervening fault, which is an unsymmet-
rical electrostatic fault17 of quite large energy of 0.49 eV/Å2

(=7.84 J/m2) suggesting that no such dissociation is
likely.

Another four-fold dissociation that had also been consid-
ered is:

1

3
[2̄110]→ 1

9
[2̄110]+ 1

9
[1̄21̄0] + 1

9
[2̄110]+ 1

9
[1̄1̄20]

(3)

which is indicated on the gamma surface topography
of Fig. 4 as AC + CB + BD + DA′. In this dissociation a

F where
t g rigid
b s
o oth
w

urgers vector has a length of 4.75Å. Two separate forms o
issociation into glide partials were considered by Kron
nd others.17 The first of these is:

1

3
[2̄110]→ 1

3
[1̄100]+ 1

3
[1̄010] (2)

here the dissociation involves two Shockley type partial
ocations separated by a planar fault. This form of a two-
ig. 4. The gamma surface of a representative portion of the base plane
he equi-potential contours represent potential energy levels opposin
ody shear translation across the plane, in units of eV/Å2. Two separate path
f possible shear from A to A′ are shown that is discussed in the text, b
ith rather high resistive barriers.
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translation to AC produces a very high-energy stacking
fault with energy 1.16 eV/̊A2 (=18.5 J/m2) while the trans-
lation CB again positions the upper oxygen layer into
an unsymmetrical electrostatic fault of energy discussed
above. The further translation to BD again produces a
stacking fault of the same high-energy of 1.16 eV/Å2.
Finally, the fourth translation of DA′ restores full or-
der. Clearly, this dissociation is even more unfavorable
than the first and should not occur. Parenthetically, we
note that an alternative path of AC + CB′ + B′D′ + D′A′
would involve a symmetrical electrostatic fault of
exceedingly high-energy that would be completely
impossible.17

From these energetic arguments and the very narrow core
shown inFig. 3b we must conclude that no such glide dis-
sociation can occur. Indeed there has been no experimental
evidence for these dissociations. While we recognize that the
levels of energy in the gamma surface plot ofFig. 4as deter-
mined by the MOLDY computer code are likely to be quite
inaccurate, these levels of energy are such that the final con-
clusion will remain valid.

Actually, examination of the atom positions in the relaxed
core observable inFig. 3b shows clear reconstruction of the
core in a direction out of thex–zplane, above and below the
base plane in the form of two partial edge dislocations with
extra half planes terminating on adjacent (0 0 0 1)planes, with
a e on
t

3.3. The pyramidal edge dislocation

To view the geometry of the core of the pyramidal edge dis-
location simulation cells with EFGH type rectangular struc-
tural symmetry in the thickness directionz(//[1̄21̄0]) were
rotated around thez-axis to obtain a crystallographic cell with
a front surface bound by the pyramidal plane (101̄2) and a
plane perpendicular to the [1̄011] direction.Fig. 5a shows a
position of this cell in the perfect crystal, being viewed in the
[1̄21̄0] direction.

The lower edge of the cell is parallel to the pyramidal
(101̄2) plane viewed edge-on. The slanted diagonal rows out-
line the nearly close-packed basal layers of oxygen ions that
are divided up into packets of three, separated by the (101̄2)
pyramidal planes of cation holes. These potential pyramidal
slip planes that contain only cation holes are designated as
type “0” across which the bonding must be largely ionic. The
two other potential pyramidal slip planes separating the three
planes of anions in the packets are designated as type “1”,
across which bonding must be both of covalent and ionic
nature. The character of the different bonding across these
two types of planes holds the key to the expected very high
glide resistance of the pyramidal system.Fig. 6a and b show
that respective gamma surface of “0” and “1” type planes.
The contours designate again the potential energy changes in
units of eV/Å2 experienced by the relative translation starting
f ding
i

F (a) the l; the bar
r
i
i

clear core energy reduction. What effect this would hav
he lattice resistance is unclear.

ig. 5. The [̄121̄0] view of the atomic positions in the simulation cell:

epresents the length of the pyramidal dislocation Burgers vectorb= 5.12Å; (b)
ntroduced on a “0” pyramidal plane; (c) the positions of the O ions in the anio
n the cation sub-lattice around the relaxed dislocation core.
rom the lower left hand corner in the diagram and procee
n either thex [1̄011] direction or thez [1̄21̄0] direction or, in

positions of anions and cations in equilibrium in the perfect crysta

the positions of anions and cations near a positive edge dislocation core
n sub-lattice around the relaxed dislocation core; (d) the positions of the Al ions
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Fig. 6. The gamma surface of potential energies in units eV/Å2, associated
with rigid body shear translation across the pyramidal planes: (a) across
the “0” planes of cation holes; (b) across the “1” planes having both strong
covalent and ionic resistances.

any arbitrary combination. InFig. 6a the�-surface contours
for plane “0” indicate a relatively low energy path close to
thex [1̄011] direction parallel to the actual Burgers vector of
shear translation. In comparison the gamma surface contours
of Fig. 6b show no comparatively easy passage on the “1”
planes in the [̄1011] direction.

Based on the more favorable conditions presented through
the gamma surfaces a dislocation was introduced into the
perfect lattice ofFig. 5a in the same procedure outlined in
Section3.2.1 for the basal dislocation. Here the procedure
consisted of the introduction of an edge dislocation dipole
with dislocations positioned at nearly 45◦ relative to thex–y
system of axes of the simulation cell. The atomic surround-
ing of a positive edge dislocation with its (1/3)〈1̄011〉 Burgers
vector lying in the “0” type plane as introduced prior to relax-
ation of the local environment by a MOLDY run is shown in
Fig. 5b. To obtain the final core structure in the relaxed state
and its energy, a special procedure consisting of equilibration
at 1000◦C followed by “slow annealing” was adopted. The
final core structures, which are best viewed in the separate
anion and cation sub-lattices are presented inFig. 5c and d,
respectively. The final line energy of the relaxed pyramidal
edge dislocation was found to beF r

D = 5.4633 eV/Å length.

Again this energy in the dipole lattice corresponds to a
very high dislocation density ofρ = 5.35× 1016. To relate it
to a more representative steady state dislocation density of
1.1× 1012 encountered in creep experiments5 at a stress of
135 MPa, the energy must be scaled up by a factor of about
3.10 or toFD = 17.0 eV/̊A. We note that this energy is only
0.53 of the line energy of the (1/3)〈21̄1̄0〉 basal dislocation
in spite of the fact that the pyramidal edge dislocation has a
Burgers vector that is 1.078 times longer than the base plane
Burgers vector of 4.75̊A. This requires that to first order con-
siderations the shear modulus across the pyramidal plane in
the Burgers vector direction would be correspondingly lower
than that of the base plane. A standard coordinate axis trans-
formation gave indeed that the ratioµp/µb of the shear mod-
uli of the pyramidal plane to the base plane was 0.7 giving
(µb2)p/(µb2)b, and considerably closer to unity, with the re-
maining difference, no doubt being attributable to the more
complex dependence of the line energies on other anisotropic
components of the elastic compliance tensor.Fig. 5c and d
show that in the relaxed equilibrium form the core of the
pyramidal dislocation had undergone an important alteration.
Instead of the termination of the pair of extra half planes re-
maining on the type “0” pyramidal plane of cation holes the
dislocation core had undergone a dissociation into two partial
edge dislocations of half strength which have been displaced
vertically into two adjacent type “1” pyramidal planes. How-
e
t lide
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t tions
t plex.
T lat-
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o e in-
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p uced
t pond-
i has
o l
i m
l nes
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b ve
t “A”
a ing
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c
fi D,
t
d e en-
e Ll
ver, according to the gamma surface topography ofFig. 6b
he type “1” planes should be quite unfavorable to any g
obility of these dislocations due to the strong combined

alent and ionic bonding across them, unlike the “0” pl
hich should have only weak bonding across it. Since

wo extra half planes are composed of both anions and ca
he dissociation and rearrangements in the core are com
hey are viewed best in the individual anion and cation

ices ofFig. 5c and d. In the anion lattice ofFig. 5c, the pai
f O ions designated as “A” have descended from the sit
icated as “B”. This has relieved both the high compres
tresses at the immediate termination of the pair of extra
lanes of the unrelaxed configuration and has also red

he high tensile stresses on the opposite side. Corres
ngly, a different but energetically similar rearrangement
ccurred in the cation sub-lattice shown inFig. 5d, where A

ons “A” and “B” that must have had positions “A–B” (fro
eft to right) at the terminus of the pair of extra half pla
ave undergone a counter clockwise shuffle, placing ion
elow the “0” plane and thereby permitting ion “B” to mo

oward the left. In both cases the new positions of ions
nd “B” have accomplished the same function of reliev

he large tensile and compressive stresses of the termin
f the two extra half layers by effectively “feathering-in” t
lunt wedge into a sharper, better fitting one. Thus, while
onfiguration of the initial unrelaxed state ofFig. 5b is arti-
cial and its energy is not effectively determinable by M
he energy of the final relaxed configuration ofFig. 5c and

must represent a substantial improvement in the cor
rgy. We note an interesting parallel with the case of the2
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type ordered alloys such as Ni3Al, where the super dislo-
cations on the principal{1 1 1} glide planes can undergo a
thermally activated cross slip into{0 1 0} cube planes where
the energy of the dislocations is substantially reduced due to
reductions in the antiphase boundary energy on those planes.
This, however, drastically reduces the mobility of the dislo-
cation in the{0 1 0} plane.31 As noted above, in the relaxed
configuration of the dislocation core with its vertical disso-
ciation and placement of the two partial dislocations in type
“1” pyramidal planes, it is clear that these dislocations will be
essentially immobile for glide. However, the structural alter-
ations in the cores of the pyramidal dislocations should have
little influence on their climb motion.

4. Discussion

Of the core structures of the base plane dislocation and the
pyramidal dislocation the latter is of primary interest from
the point of view of creep in the Al2O3 component of the
directionally solidified Al2O3–ZrO2 eutectics where this
component has a remarkably tight [0 0 0 1] growth texture that
renders all but the pyramidal slip system unstressed. More-
over, the findings of Section3.3 indicate that the pyramidal
dislocation should be incapable to glide by virtue of its core
restructuring. In connection with the sessile core configu-
r o-
c nes
b arily
r l dis-
l hort
s e dis-
l core
e dis-
l der
s simi-
l ree
e lved
s ial
t -
i




w he
f
a tear
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l




f
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t t
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near 10 GPa—an impossible condition to satisfy. Thus, the
pyramidal edge dislocation must indeed be tightly bound to
the lattice and cannot glide.

We must conclude, then that creep in the eutectics will
have to be entirely by the climb of the pyramidal and pos-
sibly also the prism plane edge dislocations. Theoretical
models for such creep can readily be developed by a vari-
ant of a model presented by Firestone and Heuer.5 Such a
creep model together with associated creep experiments on
the eutectic of Al2O3/c-ZrO2 is presented in a companion
communication.12 The only remaining question is the source
of and the structure of jogs on the pyramidal dislocations
where the actual climb steps take place. Energetic arguments
similar to the one given above for the thermally activated glide
indicate that jogs that are expected to be complex cannot be
generated by thermal fluctuations at any meaningful rate, but
must be produced from nodes in the climbing network of
dislocations.12
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